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The Effects of Crystallinity on Charge Transport and the 
Structure of Sequentially Processed F4TCNQ-Doped 
Conjugated Polymer Films
D. Tyler Scholes, Patrick Y. Yee, Jeffrey R. Lindemuth, Hyeyeon Kang, Jonathan Onorato, 
Raja Ghosh, Christine K. Luscombe, Frank C. Spano, Sarah H. Tolbert,*  
and Benjamin J. Schwartz*

The properties of molecularly doped films of conjugated polymers are 
explored as the crystallinity of the polymer is systematically varied. Solution 
sequential processing (SqP) was used to introduce 2,3,5,6-tetrafluoro-7,7,8,8-
tetracyanoquinodimethane (F4TCNQ) into poly(3-hexylthiophene-2,5-diyl) 
(P3HT) while preserving the pristine polymer’s degree of crystallinity. X-ray 
data suggest that F4TCNQ anions reside primarily in the amorphous regions 
of the film as well as in the P3HT lamellae between the side chains, but do 
not π-stack within the polymer crystallites. Optical spectroscopy shows that 
the polaron absorption redshifts with increasing polymer crystallinity and 
increases in cross section. Theoretical modeling suggests that the polaron 
spectrum is inhomogeneously broadened by the presence of the anions, 
which reside on average 6–8 Å from the polymer backbone. Electrical meas-
urements show that the conductivity of P3HT films doped by F4TCNQ via 
SqP can be improved by increasing the polymer crystallinity. AC magnetic 
field Hall measurements show that the increased conductivity results from 
improved mobility of the carriers with increasing crystallinity, reaching over 
0.1 cm2 V−1 s−1 in the most crystalline P3HT samples. Temperature-dependent 
conductivity measurements show that polaron mobility in SqP-doped P3HT 
is still dominated by hopping transport, but that more crystalline samples are 
on the edge of a transition to diffusive transport at room temperature.

DOI: 10.1002/adfm.201702654

1. Introduction

One of the greatest advantages of organic electronics based on 
semiconducting polymers is the ease of device manufacturing 
through solution processing: techniques such as spin-coating, 
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drop-casting, and blade-coating can be 
used to create reproducible active layers 
for organic electronic devices.[1–7] As with 
traditional inorganic semiconductors, the 
electronic properties of semiconducting 
polymers can be effectively tuned through 
doping,[8–13] by either removing (p-type 
doping) or adding (n-type doping) an elec-
tron to the polymer backbone. One of the 
most common ways to dope a semicon-
ducting polymer is via the use of a molec-
ular dopant, such as a small molecule, that 
can reduce or (much more commonly) 
oxidize the polymer backbone.[8,14–19] 
Indeed, the addition of small amounts of 
molecular dopants can improve the per-
formance of polymer-based bulk hetero-
junction solar cells as the doped carriers 
fill intrinsic traps,[20–24] and more exten-
sive molecular doping can vastly improve 
conductivity and carrier mobility for tran-
sistor[13,25] or thermoelectric[26,27] applica-
tions. Common p-type molecular dopants 
for semiconducting polymers include 
iodine (I2),[28–30] iron chloride (FeCl3),[17,31] 
and 2,3,5,6-tetrafluoro-7,7,8,8-tetracyano-
quinodimethane (F4TCNQ).[11,32,33]

Because of the large advantages offered by molecular doping, 
there has been a great deal of work done to characterize the 
structural, optical, and electronic properties of doped semi-
conducting polymers as a function of the degree of molecular 
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doping.[8,11,17,29,34–44] There has been much less work, however, 
aimed at studying how systematically varying the structure or 
degree of crystallinity of a conjugated polymer affects the prop-
erties of the chemically doped material.[40,45–48] One reason for 
this is that in many cases, molecular doping is performed in 
solution. The dopant and polymer are co-dissolved in what 
is typically a good solvent for the polymer, but as the dopant 
oxidizes the polymer, it becomes electrically charged and thus 
much less soluble in the nonpolar solvents typically used for 
semiconducting polymers. Thus, the structures of doped 
polymer films cast from such solutions are determined pri-
marily by aggregation of the doped polymer and the choice of 
solvent, and the film quality is generally quite poor.[43,46,47,49–51] 
Postdoping processing methods to improve crystallinity, such 
as thermal annealing, also can be problematic, as exposure 
to increased temperatures can de-dope conjugated polymer 
films.[31,47,52,53]

To avoid issues with poor film quality at high doping levels, 
there has been a recent thrust in the literature to utilize 
methods where the dopant is applied to a precast film of the 
undoped semiconducting polymer. Techniques include relying 
on exposing a conjugated polymer film to a dopant in the vapor 
phase,[12,17,27,36] employing solid-state diffusion to infiltrate a 
molecular dopant into a conjugated polymer film,[54] soaking 
a conjugated polymer film in a dopant solution for extended 
time,[17,29,55] or using solution sequential processing (SqP), 
where a solution of the dopant is spin-cast directly onto an 
undoped conjugated polymer film.[47] Our group has performed 
a great deal of work characterizing the SqP method, which we 
originally developed for inserting fullerenes into precast conju-
gated polymer films to produce bulk heterojunction (BHJ) solar 
cells.[56–59] The SqP technique, however, is applicable to infil-
tration of any small molecule into a polymer film, including 
molecular dopants.[47] The key requirement is that the molecule 
to be infiltrated must be soluble at sufficient concentration in a 
solvent that optimally swells but does not dissolve the polymer 
film. Although this requirement may appear challenging, 
we have shown that solvent blends can be used to tune the 
Flory–Huggins χ parameter to optimally swell any conjugated 
polymer film.[57] Moreover, because it relies on swelling, which 
minimally affects the more crystalline regions of conjugated 
polymer films, the SqP method preserves the relative degree of 
crystallinity, crystalline domain orientation, and quality of an 
originally-cast polymer film even after infiltration of a molecule 
or a molecular dopant.[58–61]

In this work, we take advantage of the fact that SqP preserves 
the crystallinity and crystalline domain orientation in conju-
gated polymer films to study the electrical properties of a single 
semiconducting polymer doped with F4TCNQ as the crystal-
linity and chain morphology are systematically varied. We have 
chosen to focus our studies on the workhorse material poly(3-
hexylthiophene-2,5-diyl) (P3HT), both because it allows us to 
compare directly to a large amount of previous work in the 
literature[11,12,17,19,25,26,29,33,36–38,40,42–47,49,50,62,63] and because the 
nature of this polymer allows the film crystallinity to be tuned 
relatively easily. We tune the crystallinity of P3HT in two dif-
ferent ways. First, we simply cast the original P3HT film from 
either a slowly or a rapidly evaporating solvent,[57,64] allowing 
direct control over the crystallinity of the originally cast film 

and thus also over the doped film after SqP. Second, we take 
advantage of P3HT produced by a synthetic method that yields 
essentially 100% regioregular material,[65] providing additional 
enhancement of the crystallinity of both the original and doped 
films created by SqP.[58,66] We characterize the film morphology 
in each case by 2D grazing-incidence wide-angle X-ray scat-
tering (GIWAXS), and in conjunction with theoretical modeling 
of the observed polaron spectrum, argue that the dopant does 
not π-stack within the polymer crystallites, but instead resides 
mainly in the films’ amorphous regions and in the lamellae of 
the P3HT crystallites. Moreover, all of our SqP-produced films 
are of high enough quality that we can make conductivity and 
AC Hall effect measurements using electrodes spaced more 
than 1 cm apart. We find that the conductivity of the doped 
films is directly correlated to the crystallinity and crystallite 
domain orientation in the doped films. Despite having similar 
doping levels, the films with the most anisotropic edge-on ori-
entation and overall highest degree of crystallinity show large 
improvements in mobility over more isotropic, amorphous 
films. The increased mobility comes directly from the doped 
carriers being able to delocalize more along the polymer chain 
in the more ordered systems, as reflected in AC Hall effect, 
temperature-dependent conductivity and optical absorption 
measurements, as well as theoretical modeling.

2. Results and Discussion

2.1. Controlling the Crystallinity of Molecularly Doped  
Conjugated Polymer Films

2.1.1. Tuning the Morphology of Initially Cast and SqP-Doped 
P3HT Films

As mentioned above, the goal of this study is to systemati-
cally control the crystallinity of a single conjugated polymer, 
in this case P3HT, to understand the relationship between 
morphology, conductivity, and carrier mobility when the films 
are molecularly doped with F4TCNQ. To modify the crys-
tallinity of our doped P3HT films, we start by simply spin-
casting films of commercially purchased P3HT (Rieke metals, 
Mn = 55 kg mol−1, polydispersity Đ = 2.4, regioregularity 
(RR) 93%) from two different solvents. It is well known that 
changing the solvent evaporation kinetics provides an effective 
way to manipulate the kinetics of conjugated polymer thin film 
formation, resulting in some control over the final morphology 
of the films.[64,67,68] Thus, to produce highly amorphous P3HT 
films with relatively little degree of crystallinity, we spin-coated 
the films at 1000 rpm for 60 s from a 1% w/v solution in 
chloroform (CF), which is a relatively fast-drying solvent. To 
generate films with higher degrees of crystalline content, we 
spin-coated P3HT at 1160 rpm for 20 s from a 2% solution in 
the relatively slow-drying solvent, o-dichlorobenzene (ODCB), 
allowing us to place the still-wet films in a closed Petri dish 
until dry, which effectively “solvent anneals” them.[68] Because 
we use the same batch of polymer for both film casting condi-
tions, any chemical defects (e.g., fraction of oxidized segments 
along the polymer backbone, unexpected chemical species asso-
ciated with the chain ends or catalyst/other materials leftover 
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from the polymer synthesis, differences in molecular weight, or 
regioregularity) that might affect the physics of the doped car-
riers are the same for both sets of films. Thus, because the SqP 
process allows us to dope these films and preserve their relative 
degree of crystallinity, any differences we observe in the doped 
films’ conduction behavior must arise from differences in mor-
phology and not from differences in chemistry.

Because commercial P3HT has only a relatively modest 
regioregularity, we are limited in the degree of crystallinity we 
can produce in spin-cast films of the commercial material.[60] 
Thus, to explore what happens when P3HT is made highly 
crystalline, we also worked with an in-house synthesized batch 
of P3HT that is essentially perfectly regioregular (100% RR 
P3HT; Mn = 17.5 kg mol−1, Đ = 1.09).[65] The increased regioreg-
ularity produces significantly less disorder in spin-cast films, 
increasing the overall degree of crystallinity,[66] even after the 
films have been infiltrated by small molecules using SqP.[58] 
Because the polymer was produced via a different synthesis 
route, it is possible that compared to the commercial P3HT, 
the 100% RR material has different types and/or amounts of 
intrinsic chemical defects. At high doping levels, however, the 
properties of the doped material are dominated by the explicitly 
introduced doped polarons, so we believe that it is still legiti-
mate to use this material as a means to understand the relation-
ship between film morphology and the electrical behavior of 
the charge carriers. We used the same procedure to cast 100% 
RR P3HT films as we did for films of the commercial material 
cast from ODCB, with the exception of heating the 100% RR 
P3HT solution to 60 °C and casting it while hot in order to fully 
dissolve the material. The difference in film structure between 
the commercial material and the 100% RR material is apparent 
on the macroscale, where optical microscopy shows clear aggre-
gates of crystallites with aggregate sizes on the order of tens of 
micrometers for the 100% RR P3HT films (see the Supporting 
Information for optical micrographs and additional details).

Once the initial P3HT films were prepared, we then doped 
the films using the SqP method by spin-coating solutions of 
1 mg mL−1 F4TCNQ in dichloromethane (DCM) on top of the 
P3HT films at 4000 rpm for 10 s. For all of our pristine and 
F4TCNQ-doped P3HT samples, as discussed further below, we 
characterized the nanoscale structure of the films by GIWAXS, 
UV–vis absorption and Fourier-transform infrared (FTIR) spec-
troscopy, and ellipsometric porosimetry to directly measure 
swelling of the polymer films by the solvent.

2.1.2. Characterizing Crystallinity and Crystalline Orientation 
Pristine and SqP-Doped P3HT Films

In order to determine the relative crystallinity, average crys-
tallite size, and domain orientation in our pristine and doped 
P3HT films, we performed a series of 2D GIWAXS measure-
ments, details of which are described in the Supporting Infor-
mation. P3HT crystallites are well known to prefer an edge-on 
orientation of the chains. In this geometry, the π–π stacking 
or (010) diffraction peak is observed predominantly in the 
in-plane direction and the lamellar or (100) diffraction peak, 
which corresponds to interchain stacking along the direction of 
the side chains, is observed predominantly in the out-of-plane 

direction.[69,70] Charge carriers in conjugated polymer films 
move most freely along the conjugated polymer backbone, 
but for 2D and 3D transport, the carriers eventually need to 
hop between chains. The barrier for hopping between chains 
in the π-stacking direction is much lower than between chain 
backbones along the lamellar direction, which involves car-
rier motion through the side chains, so that charge transport 
in-plane is more facile than out-of-plane in the case of P3HT. 
In addition, crystalline regions of the film are expected to be 
more conductive than amorphous regions because of increased 
π-stacking in the crystalline regions. This is why it is important 
to understand and control the degree of crystallinity and the 
crystalline orientation within a doped polymer film. Since SqP 
largely preserves both the degree of crystallinity and the domain 
orientation,[58–60] it provides an excellent route to preparing 
molecularly doped P3HT films with controlled crystallinity.[47]

The 2D GIWAXS diffraction data in Figure 1 provide infor-
mation on the trends in relative crystallinity, polymer orienta-
tion, and typical crystallite size (or more formally, scattering 
coherence length) in the various pristine and doped P3HT 
films, as summarized in Table 1. For the pristine P3HT films, 
based on the integrated (100) peak area, there is a clear trend 
in relative crystallinity with the CF-cast film being the least 
crystalline, the ODCB-cast film being more crystalline, and the 
100% RR P3HT film having the highest degree of crystallinity. 
Figure 1 (a) also shows that there is relatively little out-of-plane 
scattering for the (010) peak near 1.6 Å−1 in all three films, con-
sistent with a predominantly edge-on orientation of the P3HT 
crystallites. The inset shows that the 100% RR material, which 
has the highest degree of crystallinity, also has the lowest out-of-
plane (010) scattering, indicative of an even greater preference 
for edge-on orientation for the crystallites in this film. The 
general trend is clearly that the more crystalline the film, 
the more edge-on oriented are the crystallites. These trends  
are consistent with those seen in previous work using these 
same materials in BHJ solar cells.[58]

After doping via SqP using a 1 mg mL−1 solution of F4TCNQ 
in DCM, the GIWAXS data (solid curves) in Figure 1 show 
that the (100) peaks shift to lower q (larger d spacing) and that 
the trend in both overall crystallinity and domain orientation 
seen in the pristine P3HT films is maintained through the 
SqP doping process, as expected.[47,48] Indeed, the doped 100% 
RR P3HT shows little in-plane (100) and out-of-plane (010) 
scattering, indicating that the high anisotropy of the edge-on 
oriented crystallites is maintained throughout the SqP doping 
process. Crystalline domain size, or more propertly crystal-
lite coherence length, calculated using the standard Scherrer 
equation, is also well-preserved in both the (100) and (010) 
directions upon doping (Table 1). Indeed, coherence length 
actually appears to increase slightly in the (100) direction upon 
doping, indicating that inclusion of F4TCNQ into the lattice 
does not disrupt the ability of the polymer chains to pack in a 
regular manner.

Perhaps the most striking change observed upon doping in 
all three processing conditions, however, is a splitting of the 
(010) peak; like the (100) peak, the original (010) shifts slightly 
to lower q, but a second π–π stacking peak appears at higher 
q, around 1.8 Å−1. This new peak has also been seen in pre-
vious studies of P3HT doped with F4TCNQ,[38,46,71] and has 
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been attributed in the literature as evidence of π-stacking of 
P3HT:F4TCNQ co-crystallites and used to argue that F4TCNQ 
anions intercalate within the P3HT crystallite π-stacks.[38,50,71,72]

The argument that the new (010) peak at higher q in the 
doped films could be representative of the distance between 
the P3HT cation and F4TCNQ anion is based on the idea that 
the Coulomb attraction between the opposite charges pulls the 
two π-systems close together, decreasing their d-spacing; this 

reasoning is loosely based on the idea that the anion stacks 
with the polymer π-system in much the same way as in charge 
transfer crystals, such as tetrathiafulvalene:TCNQ. This type 
of close contact, however, would lead to significant localization 
of the polarons on the P3HT chains which is not reflected in 
either our optical or electrical measurements, as discussed fur-
ther below. Moreover, if π-stacked P3HT+:F4TCNQ− co-crystals 
did form in the doped films, this would lead to a doubling of 
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Table 1. Comparison of crystallinity (as determined by integrated out-of-plane peak area), orientation (out-of-plane (100)/(010) area ratio), crystallite 
coherence length (Å), volume fraction of pristine film swollen by saturated DCM vapor (%), exciton bandwidth (eV), and fraction aggregates (%) for 
pristine and doped CF-cast, ODCB-cast, and 100% RR P3HT films.

Film Property CF-cast ODCB-cast 100% RR P3HT Doped CF-cast Doped ODCB-cast Doped 100% RR P3HT

Rel. OOP (100) peak area 1.0 2.0 2.5 0.5 2.0 3.0

Ratio of OOP (100)/(010) 37 230 506 36 253 481

(100) crystallite coherence length [Å] 75 96 86 92 105 103

(010) crystallite coherence length [Å] 38 50 52 29, 36 42, 48 45, 46

(100) d-spacing [Å] 16.0 15.6 15.5 17.8 17.5 17.5

(010) d-spacing [Å] 3.8 3.8 3.9 3.5, 3.9 3.6, 3.9 3.6, 3.9

% DCM in swollen film 11 9 7 – – –

Exciton bandwidth [eV] 0.135 0.11 0.044 – – –

%-aggregates 39 43 47 – – –

Figure 1. Integrated a) out-of-plane and b) in-plane X-ray diffraction patterns for chloroform (CF)-cast (blue dashed curves), o-dichlorobenzene 
(ODCB)-cast (green dashed curves), and 100% RR P3HT ODCB-cast polymer films (red dashed curves), as well as the same films after doping by 
SqP with 1 mg mL−1 of F4TCNQ in dichloromethane (DCM; solid curves of the same colors, respectively). The inset in panel (a) shows the region 
around the P3HT out-of-plane (OOP) (010) peak on an expanded scale. The combination of in-plane and out-of-plane data for both the (100) and 
(010) diffraction can be used to conclude that for the pristine films, both the relative crystallinity and degree of edge-on crystallite orientation increase 
in the order CF-cast, ODCB-cast, 100% RR. Moreover, the data make clear that this order is maintained following doping with F4TCNQ by SqP. We 
also used GIWAXS to follow the doping process by examining films with progressively higher doping levels, as seen in integrated and normalized  
c) out-of-plane and d) in-plane X-ray diffraction peaks for P3HT films cast from ODCB at 1000 rpm for 60 s (red curves), followed by doping via SqP 
with different concentrations of F4TCNQ in DCM (various colored curves). Increasing doping levels causes a shift of the (100) diffraction peak to lower 
q, the appearance of a new (010) diffraction peak at higher q, and a complete loss of the (001) diffraction peak, indicative of the dopant residing in the 
lamellar regions of the sample but not the P3HT crystalline π-stacks, as suggested in Figure 2.
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the unit cell size in the (010) direction. Figure 1b, however, 
clearly shows that there is no new peak near in the 0.8–0.9 Å−1 
range that would be reflective of a doubled unit cell.

Given these observations, combined with the fact that P3HT 
crystallites are known not to swell during SqP,[57] and the fact 
that there is little change in the integrated in-plane (010) scat-
tering intensity upon doping, we find no reasonable mechanism 
for or evidence of F4TCNQ insertion into the P3HT π-stacks.[57] 
Indeed, the idea of π-stacked P3HT+:F4TCNQ− co-crystals being 
the dominant structure is not supported by the data presented 
here. Since the X-ray data presented here for P3HT doped with 
F4TCNQ by SqP are quite similar to that associated with doping 
by the traditional blend-casting method,[38,47] we believe that 
F4TCNQ anions do not intercalate into the P3HT crystalline 
π-stacks when doped by any method. Further support for this 
idea was recently offered by Hamidi-Sakr et al., who prepared 
films of sequentially processed F4TCNQ-doped P3HT where 
the polymer chains were aligned by rubbing, and found that the 
anion’s absorption transition dipole was not parallel to that of 
the polaron, again suggesting that the anion does not π-stack 
in the P3HT crystallites.[48] Instead, when the P3HT crystallites 
are doped, the delocalization of the polaron among multiple 
adjacent chains slightly pulls the chains together, leading 
to the presence of the new peak at higher q. The fact that we 
see two peaks suggests that not every crystallite in the film is 
doped or fully doped, so that there are both neutral and charged 
crystalline regions in the doped films with different π-stacking 
distances.

In addition, the data in Figure 1a and Table 1 show that there 
is a fairly significant loss in the out-of-plane (100) peak scat-
tering intensity upon doping. When the polymer films swell 
during SqP, it is primarily the amorphous regions of the film 
that swell,[57] but apparently the films can also swell slightly 
in the lamellar direction. This swelling provides a route for 
F4TCNQ to infiltrate between the P3HT side chains in the crys-
tallites, increasing the lamellar spacing and causing both the 
observed shift of the (100) peak to lower q and the decrease in 
scattering intensity due to intercalation-induced disorder.

To better understand the process of F4TCNQ intercalation 
into P3HT films, we measured 2D GIWAXS on P3HT films SqP 
doped using a wide range of F4TCNQ concentrations in DCM. 
Figure 1c shows the region of the out-of-plane (100) peak on an 
enlarged scale. This panel reveals that the (100) peak shifts to 
lower q even at our lowest measured dopant concentration of 
0.01 mg mL−1 F4TCNQ, and further shifts to even lower q when 
the dopant concentration was increased to 0.05 mg mL−1.[48] 
Higher dopant concentrations than this do not further shift 
the (100) peak position, even though they continue to change 
the optical and electrical properties of the films. Similarly, the 
π-stacking (010) peak shows concentration-dependent changes 
at the same low dopant concentrations but remains relatively 
fixed past 0.05 mg mL−1 doping concentration. Figure 1d 
shows that relative to pure P3HT, the 0.01 mg mL−1 doped in-
plane (010) peak appears broadened and shifted to higher q. 
By 0.05 mg mL−1, the (010) peak becomes clearly distinguish-
able as two different peaks, one at roughly the same q as the 
undoped P3HT (010) and one at higher q. The fact that the 
peak shifts happen only at low doping concentrations suggests 
that only a modest amount of F4TCNQ can penetrate into the 

crystalline lamellae. Once the crystalline lamellar regions are as 
“filled” as possible, the rest of the dopant presumably resides 
in the amorphous regions of the sample. Since the amorphous 
regions are not visible by X-ray scattering, we see no further 
changes in the films’ crystalline structure via GIWAXS.

In addition to the changes in the (100) and (010) peaks, 
the data in Figure 1b,d also show that the (001) peak near 
1.2 Å−1, which is reflective of monomer-to-monomer registry 
along the P3HT backbone, exists in the pristine films but 
completely disappears upon molecular doping at concentra-
tions ≳0.05 mg mL−1 F4TCNQ. This indicates that doping by 
F4TCNQ causes a lateral shift of the polymer chains relative to 
each other in the P3HT crystallites, leading to a loss of registry 
in the along-the-chain direction. One possible cause for this 
shift could be reorganization of the optimal polymer backbone 
conformation upon doping.

When we combine this observation with the fact that the 
(100) peak shifts to lower q upon doping, we can construct a pic-
ture of how F4TCNQ infiltrates the different P3HT films, which 
is consistent with the data. Swelling during SqP allows some 
dopant molecules to enter the lamellar regions of the P3HT 
crystallites at low doping concentrations.[48] This increases 
the lamellar d spacing and potentially also changes the angle 
of the side chains relative to the polymer backbone. Changing 
the side-chain angle would cause a concomitant registry shift 
along the backbone, as illustrated in Figure 2, which could 
also explain the observed loss of the (001) peak. The polarons 
created by doping prefer to delocalize in the aromatic regions 
of the polymer, leading to an attraction between the polymer 
chains in the π-stacking direction and thus the observed new 
(010) peak. There is no structural evidence that F4TCNQ anions 
can π-stack with the crystalline polymer, so any anions that 
cannot fit into the side-chain regions of the polymer crystal-
lites must sit in the amorphous regions of the films. In Section 
2.2.1, we also will argue on the basis of theoretical modeling 
of the observed optical spectra that on average, the anions 
must sit at a distance of at least 0.6–0.8 nm from the polarons, 
which is also consistent with anions sitting in the lamellae or 
in the amorphous regions outside of the crystallites where the 
polarons reside.

2.1.3. The Swellability of Pristine P3HT Films with Different 
Degrees of Crystallinity

The SqP method relies heavily on the ability of the solvent in 
the second casting step to swell (but not dissolve) the under-
lying polymer. Perhaps not surprisingly, the differences in crys-
tallinity between the different P3HT films that we observed via 
GIWAXS also affect the films’ swellability; since amorphous 
polymer domains are the easiest to swell, the more crystalline 
a film is, the less ability it has to absorb solvent and increase 
its volume.[57] In order to measure swellability, we used spectro-
scopic ellipsometry to measure the optical properties (n and k) 
of the different crystallinity polymer films both as-cast and after 
being exposed to the saturated vapor of the secondary casting 
solvent, DCM. Using the ellipsometric data in conjunction 
with the effective medium approximation, we were able to 
quantify the volume fraction of polymer and solvent in the 
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swollen film;[57] a more detailed explanation of this procedure is 
included in the Supporting Information, and the experimental 
results are summarized in Table 1. Not surprisingly, the CF-
cast film shows the greatest ability to swell, taking up 11% by 
volume DCM, followed by 9% DCM for the ODCB-cast film, 
and only 7% DCM for the 100% RR P3HT. This follows the 
expected trend of less swelling with higher-crystalline films, in 
good agreement with the GIWAXS data, discussed above.

Although the swelling trend is as expected, the swelling data 
are important in their own right because the ability to dope 
the films depends directly on their swellability; infiltration of 
F4TCNQ via SqP depends directly on the degree of swelling. 
We note that it has been argued in the literature that it easier 
to dope more crystalline P3HT because the more crystalline 
the polymer is, the more delocalized and thus the more stable 
the polarons become.[45,73] Thus, when doping P3HT by SqP, 
we anticipate a trade-off with polymer crystallinity; it becomes 
harder to infiltrate molecules by SqP into more crystalline 
polymer films,[58] but the molecules that do infiltrate should be 
able to dope the polymer more effectively, as discussed further 
below.

2.2. The Optical and Electrical properties of Sequentially 
Processed Controlled-Crystallinity F4TCNQ-Doped P3HT Films

2.2.1. The Spectroscopy of Controlled-Crystallinity SqP-Doped 
P3HT Films

We now shift our focus to the optical properties of our sequen-
tially processed F4TCNQ-doped P3HT films. Figure 3a shows 
the absorption spectra of the three different pristine P3HT 
films prior to doping via SqP. The redshift of the main exciton 
absorption band and increase in vibronic structure seen in the 
100% RR film relative to the ODCB- and CF-cast films are a 
direct reflection of increased crystalline order. The absorption 

of the films with different degrees of crystallinity can be quan-
titatively analyzed using a theoretical model that has been 
described previously;[74,75] details of our application of the 
model to these spectra are given in the Supporting Informa-
tion, and the results are summarized in Table 1. The general 
trend shows decreasing exciton bandwidth and an increasing 
percentage of crystalline aggregates, in the order CF-cast < 
ODCB-cast < 100%-RR. These results directly support the con-
clusions we reached via GIWAXS, which show that the CF-cast 
film is the most amorphous, followed by the ODCB-cast film, 
with the 100% RR P3HT having the largest amount of crystal-
line order.

In addition to changes in the spectrum of P3HT excitons 
with polymer structure, it is also known that polarons become 
increasingly delocalized as the effective conjugation length is 
increased.[76] Our ability to tune the degree of order/crystal-
linity of our SqP-doped films provides a new route to cleanly 
examine this relationship. Figure 3b shows the absorption 
spectra of the same P3HT films in panel (a) after doping by 
SqP with 1 mg mL−1 F4TCNQ in DCM; the doped spectra are 
normalized to the intensity of the mid-IR peak near 0.5 eV for 
ease of comparison. The data show clearly that upon doping, 
the neutral P3HT exciton absorption between 2.0 and 2.75 eV 
is decreased in all three films, and that a new feature appears 
near 3.0 eV, corresponding to absorption by both the neutral 
and anionic forms of F4TCNQ. There is also new absorption 
in the 1.3–1.8 eV region, corresponding to the P2 absorption 
band of the P3HT polaron,[17,37,42,77] which unfortunately also 
overlaps an additional absorption band of the F4TCNQ anion 
(which is responsible for the observed vibronic peaks in this 
region).[37,47,78]

Since the data in Figure 3b are normalized to the peaks of the 
P1 bands, it is clear that for the same intensity of P1 polaron 
absorption, the intensities of the P2/F4TCNQ− and depleted 
neutral P3HT absorptions are not the same for the three films 
with different crystallinities, even though the three films were 
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Figure 2. Cartoon consistent with the GIWAXS data illustrating how F4TCNQ anions could incorporate into the lamellar regions of the crystallites as 
well as the amorphous regions of the film. The presence of the anion causes the side chains to shift in order to incorporate the new F4TCNQ volume, 
which, in turn, causes the increase in spacing in the lamellar direction and the loss of along-the-chain registry. Polarons can also delocalize between 
chains in the π-stacking direction, leading to a decrease in the π–π stacking distance (not shown). 
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doped by SqP with the same 1 mg mL−1 F4TCNQ solution. 
Instead, relative to the P1 band absorption intensity, the more 
crystalline films have a greater depletion of the neutral P3HT 
exciton absorption, as well as a lower P2/F4TCNQ− absorption. 
The fact that the P1, P2, and depleted exciton peaks do not have 
the same ratio strongly suggests that either the cross section 
of the P1 absorption is sensitive to the film crystallinity, or that 
the films have different numbers of trapped and free polarons, 
which may have similar absorption spectra but different absorp-
tion cross sections. It is also possible that the absorption cross 
section of the F4TCNQ anion may be different in different crys-
talline environments. Indeed, despite great effort, it has proven 
difficult to pin down the cross section of the anion in a solid 
film environment, where it is at least an order of magnitude 
different from that in solution.[47] Unfortunately, the uncertain-
ties of the cross sections of the anion, trapped P3HT polarons, 
and free P3HT polarons with different degrees of delocalization 
mean that it is not possible to rely solely on optical means to 
quantify carrier densities in P3HT that is highly doped with 

F4TCNQ. This is why we rely on AC Hall effect measurements 
to determine the free carrier concentration, as discussed fur-
ther below.

Figure 4a shows the P1 polaron absorption band for all three 
films on an expanded scale. Clearly, the P1 peak redshifts with 
increasing crystallinity of the doped P3HT film, from 0.55 eV 
for the CF-cast to 0.35 eV for the 100% RR P3HT, indicating 
greater delocalization of the polaron in the more crystalline 
material.[76] The structure seen in the region below 0.18 eV is 
due to P3HT vibrations (so-called infrared IR-active vibrations, 
or IRAVs); overtones of the IRAVs as well as absorption from 
atmospheric water and CO2 are responsible for the small peaks 
superimposed on the main band at higher energies. This figure 
also makes clear that the IRAV portion of the absorption spec-
trum below 0.18 eV increases in intensity relative to the main 
band as the crystallinity of the polymer increases. The absorp-
tion spectrum of doped P3HT has been simulated in recent the-
oretical work,[79,80] with the lower energy IRAV-structured band 
arising mainly from interchain transitions in more ordered 
polymers but becoming dominated by intrachain transitions in 
more disordered material. The simulations accurately predicted 
the spectrum of P3HT doped by charge modulation,[79] when 
no anions were present (cf., red dashed curve in Figure 4b).

By comparison to the previous simulations of doping by 
charge modulation,[79] the P1 absorptions of our F4TCNQ-
doped P3HT samples show considerable Gaussian broadening, 
which must be due to the presence of the anions. Figure 4b 
shows simulated IR spectra for P3HT using the same theoret-
ical model from Ghosh et al.,[79] but with the addition of a nega-
tive point charge to account for the presence of the anion. The 
point charge was located in several different regions inside and 
at the edge of the simulated P3HT crystallites, but the results 
depended more on the distance of the point charge from the 
polaron than the direction; see the Supporting Information for 
details. As discussed in the Supporting Information, the choice 
of dielectric constant used in the calculation to account for 
screening of the polaron–anion Coulomb interaction is impor-
tant to simulating our experimental P1 absorption spectra. 
We chose a distance-dependent dielectric constant[81] that we 
believe makes the most physical sense for our system, details 
of which are in the Supporting Information. The results of the 
calculations are shown in Figure 4b, which indicate that prox-
imity of the anion dramatically changes the location, shape, and 
cross section of the P1 absorption peak. Close proximity (≲4 Å) 
severely localizes the polaron to the region of the anion, leading 
to a large blueshift and narrowing of the main P1 peak and 
lowering of the IRAV portion of the peak at low energy (blue 
curve) relative to the simulated band with the anion at infinite 
distance (red dashed curve). As the anion is moved farther from 
the polaron, the polaron delocalizes, leading to a redshift and 
broadening of the intrachain peak, and a relative increase in 
the intensity of the low-energy intramolecular IRAV peak (light 
blue, green, yellow, and orange curves). These calculations also 
show that as the polaron localizes, the total absorption cross 
section of the P1 band decreases, further emphasizing the dif-
ficulty in using absorption spectra to extract accurate carrier 
concentrations.

The broadened and redshifted experimental intrachain 
absorption that we see for the polarons in Figure 4a, along with 
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Figure 3. a) UV–vis absorption data for pristine CF-cast P3HT (blue 
curve), ODCB-cast P3HT (green curve), and 100% RR P3HT (red curve) 
films. b) Combined FTIR (0.05–0.5 eV) and UV–vis (0.5–3.0 eV) absorp-
tion spectra for the same P3HT films after doping via SqP with 1 mg mL−1 
F4TCNQ in DCM. The data are normalized to the peak intensity of the P1 
absorption band in the 0.3–0.5 eV region. Clearly, the polaron P1 band 
redshifts, the relative absorption intensity below 0.18 eV increases, and 
the overall P1 absorption cross section increases with increasing polymer 
crystallinity. The inset in panel (a) shows a representative energy level 
diagram for the P1 and P2 transitions of the polaron.
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the fact that the intensity of the IRAV portion of the band is 
at least half that of the intrachain band, strongly suggests that 
the polarons in our samples are not localized immediately 
next to anions. This is consistent with our conclusions from 
the GIWAXS data that suggested that the F4TCNQ anions lie 
in either the P3HT lamellae or in the amorphous regions near 
the P3HT crystallites, and do not form π-stacked co-crystals 
with the polymer (distance ≈ 3.5 Å).[48] We conclude that while 
there may be some small contributions to the spectrum from 
anions at the π-stacking distance from the polaron in the amor-
phous regions, which serve to increase the broadening of the 
P1 absorption spectral envelope, π-stacking does not appear to 
be the dominant structural motif to accommodate the F4TCNQ 
in our SqP-doped samples.

Figure 4c shows a simulated polaron spectrum constructed 
by averaging over 1000 different configurations of random site 
disorder (see the Supporting Information) and anion distances 
in the range 0.6–0.8 nm from the polymer backbone, which 
gives good general agreement with both the spectral shape and 
the peak position of our measured spectra in Figure 4a. Inter-
estingly, in order to reproduce the peak position in the meas-
ured IR absorption spectrum near 0.35 eV for 100% RR P3HT, 
the anion must be at least 0.5 nm from the stack, with the exact 
value depending on the dielectric constant chosen for the simu-
lations (see the Supporting Information). This again points to 
the idea that in such well-ordered crystals with minimal amor-
phous regions, π-stacking of the anion with the polymer is not 
permitted. In less-ordered samples, some π-stacking may occur 
in the amorphous regions. The more disordered π-stacks in the 
amorphous regions may contribute to the width of the polaron 
absorption band, but they are not visible by GIWAXS. The idea 
that the polarons in our samples are delocalized is also con-
sistent with the mobilities we extract from our electrical meas-
urements, described below, which are comparable to those seen 
in doped samples without anions present.[82–87]

Given the results of the modeling in Figure 4b,c, the redshift 
we see of the intrachain polaron band with increasing P3HT 
crystallinity has two possible origins: the band could redshift 
because the polarons are more intrinsically delocalized in 
more crystalline films[76] or the band could redshift because 
the polarons are farther, on average, from the anions, so there 
is less anion-induced localization in more crystalline films. 
Table 1 shows that although the average size of the P3HT crys-
tallites increases from the CF-cast to 100% RR P3HT films, our 
simulations suggest that the size change alone is not enough 
to account for the shift of the intrachain P1 peaks: the average 
crystallite size simply does not change enough to cause a sig-
nificant change in danion (presuming that the anions are located 
outside the crystallites). Films with an increased fraction of 
amorphous regions, however, could possibly have F4TCNQ 
anions located in disordered π-stacks, placing them closer to 
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Figure 4. a) Experimental absorption spectra of the P1 polaron transi-
tion for CF-cast (blue curve), ODCB-cast (green curve), and 100% RR 
(red curve) P3HT doped via SqP with 1 mg mL−1 F4TCNQ in DCM.  
b) Simulated P1 absorption band with a negative point charge repre-
senting the anion placed 0.36 nm (blue curve), 0.5 nm (light blue curve), 
0.6 nm (green curve), 0.7 nm (yellow curve), 0.8 nm (orange curve), and 
infinitely far away (red dashed curve) from a 10 × 2 P3HT chain array. 
Spectra were obtained by averaging over 1000 configurations of random 
site disorder; see the Supporting Information. c) Simulated P1 absorp-
tion band obtained by further averaging over different anion distances 

ranging from 0.6 to 0.8 nm, giving good general agreement with the spec-
tral shape and peak position seen experimentally in panel (a). The inset in 
panel (c) is a cartoon representation of the simulation. The fact that the 
experimental spectra are not strongly blueshifted or narrowed suggests 
that anions do not lie within 5 Å of the polymer, reinforcing the conclusion 
that the F4TCNQ anion does not π-stack with crystalline P3HT.
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the location of the polaron than in the crystallites. Thus, we 
believe that it is a combination of both increased intrinsic delo-
calization and decreased localization from the anion that leads 
to the more redshifted polaron absorption in the more crystal-
line films.

2.2.2. AC Hall Effect Measurements on Controlled-Crystallinity 
SqP-Doped P3HT Films

With the optical and structural properties of the doped films 
characterized, we turn in this section to correlating the con-
trolled crystallinity of the SqP-doped films with their electrical 
properties. We examined the conductivities of all three of our 
P3HT films SqP doped with 1 mg mL−1 F4TCNQ in DCM 
using both collinear four-point probe (2.5 mm spacing between 
electrodes) and van der Pauw measurements (electrodes at the 
corners of a 1.5 × 1.5 cm square),[88] and found that as in our 
previous work,[47] the two methods always gave conductivities 
that agreed to within a few percent. At room temperature, we 
find that the conductivity of the doped CF-cast P3HT film is 
only 2.1 S cm−1, but that increasing the crystallinity by casting 
the film from ODCB yields a conductivity of 5.7 S cm−1, with 
a further increase to ⩾10 S cm−1 for the 100% RR P3HT (see 
the Supporting Information); our highest measured conduc-
tivity for the 100% RR material reached 12 S cm−1, effectively 
an order of magnitude higher than what is typically reported for 
P3HT films doped with F4TCNQ by traditional blend-casting 
methods.[11,37,38]

The improvement in conductivity that we observe with the 
SqP method leads to an important question: since the con-
ductivity σ varies as the product of carrier concentration n and 
mobility μ according to σ = nqμ, where q is the fundamental 
unit of charge, does the improved conductivity result from an 
increased number of carriers, increased polaron mobility, or 
some combination of the two? To answer this question, we 
employed AC magnetic field Hall effect measurements. This 
relatively new technique has been shown previously to give 
reliable results for low-mobility materials, which typically have 
Hall voltages too small to accurately distinguish from the noise 
present in DC Hall measurement techniques.[89–91]

It is important to note that although the AC Field Hall tech-
nique is reliable, the interpretation of the data for low-mobility 
materials with hopping-dominated carrier transport is not 
entirely straightforward. In traditional measurements, the Hall 
voltage, VH, provides a measure of the potential created by the 
Lorentz force acting to bend charges with band-like transport 
around a magnetic field: VH = IB/nq, where I is the magnitude 
of the sourced current and B is the value of the applied mag-
netic field.[89] Carriers that move by hopping, however, are not 
influenced by the magnetic field in the same way as band-like 
carriers, effectively screening the applied magnetic field. This 
can lead to smaller measured VH values, which in turn can 
affect estimates of the carrier concentration (and via the meas-
ured conductivity, also affect estimates of the carrier mobility), 
as has been discussed in detail in recent work by Podzorov 
and co-workers.[92] Even if the largest AC Hall mobilities we 
measure for the doped 100% RR P3HT underestimate the 
actual mobility, it is worth noting that all of our values are in 

the general range of those determined previously by field-effect 
transistor (FET) and DC Hall effect measurements for doped 
P3HT.[93]

Given these issues with the interpretation of Hall data in 
low-mobility molecularly doped conjugated polymers, for this 
study we focus on qualitative trends presented by the data, 
rather than the exact quantitative values, to gain insights into 
the effects of controlling crystallinity on the charge transport 
properties of our doped samples. Table 2 summarizes the 
results of AC magnetic field Hall effect measurements on our 
various SqP-doped P3HT films; in the values we report, we cal-
culate the carrier concentration using the traditional Hall coef-
ficient equations, which assume band-like transport. We note 
that the trends we report are valid as long as the three samples 
have roughly equivalent amounts of screening of the applied 
B field, and we expect that this screening leads to a slight 
overestimate of the reported carrier densities. The data show 
a clear trend of increasing Hall-based carrier mobility, μ, with 
increasing crystallinity. In contrast, the carrier concentration n 
remains roughly constant as the crystallinity increases, so we 
can assign the large increase in conductivity as resulting from 
increasing carrier mobility with increasing film crystallinity. 
The slight decrease in carrier concentration for the 100% RR 
film could be the result of poorer intercalation of F4TCNQ due 
to decreased swelling, as discussed above. Moreover, the lower 
concentration in the 100% RR sample, along with the higher 
absorption intensity, emphasizes the idea that the polarons in 
more crystalline samples have a higher absorption cross section 
than those in less crystalline samples.

The measured increase in carrier mobility with increasing 
P3HT crystallinity likely results from a combination of the 
improvement in “intrinsic” mobility of the undoped polymer, 
which persists upon SqP doping, with less anion-induced 
localization of the polarons as the anions are, on average, 
slightly farther away in the more crystalline material. This idea 
that much of the mobility improvement comes from intrinsic 
polaron delocalization is in accord with measurements on gate-
doped P3HT films in field-effect transistors that also observed 
that in-plane mobility increases with increased polymer crys-
tallinity.[2,94] We note that increasing Mw of the polymer is 
also known to increase carrier mobility by allowing for better 
formation of tie chains between crystalline domains,[86,95] but 
this effect clearly plays no role in our data. This is because our 
highest observed mobility is in the 100% RR P3HT sample, 
which has a much lower degree of polymerization than the 
commercially available P3HT used for the CF- and ODCB-cast 
films. Clearly, the increase in the quantity and size of the crys-
talline regions reported in Table 1 is what is responsible for the 
observed mobility increase.
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Table 2. Comparison of carrier density (n), mobility (μ), and conduc-
tivity (σ) measured by the AC magnetic field Hall effect technique for 
F4TCNQ-doped P3HT samples by SqP.

Crystalline Morphology n [cm−3] μ [cm2 V−1 s−1] σ [S cm−1]

CF-cast 5.9 × 1020 0.02 1.4

ODCB-cast 7.1 × 1020 0.05 5.7

100% RR P3HT 4.9 × 1020 0.12 9.1
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2.2.3. Temperature-Dependent Conductivity of Controlled-Crystal-
linity SqP-Doped P3HT Films

To better understand the nature of the carrier transport in our SqP-
doped P3HT films with three different degrees of crystallinity, we 
measured the temperature dependence of the conductivity from 
50 to 300 K (see the Supporting Information for details). The data 
demonstrate that all of our doped films exhibit classic disordered 
organic semiconductor behavior with a conductivity that increases 
with increasing temperature.[84] We investigated the specific 
charge transport mechanism for each film condition by fitting the 
data to several different theoretical models, which are discussed 
in more detail in the Supporting Information.

In order to best fit the experimental data to known models 
over the full temperature range measured, we followed the 
method in refs. [28] and [93] by performing logarithmic differ-
entiation to linearize the temperature-dependent conductivity, 
σ ∝ exp[(−1/T)x], the results of which are shown in Figure 5. 
In general, the observed temperature dependence of our sam-
ples is in good agreement with other works that observed 
that the Mott variable-range-hopping (VRH) model described 
the temperature-dependent conductivity of doped conjugated 
polymers.[28,29,93,96] More specifically, the ODCB-cast and 100% 
RR P3HT films show a T-dependent conductivity that is well 
described by the Efros–Shklovskii (ES) VRH model[97] at low 
temperatures and by the more traditional Mott VRH model[98] 
at higher temperatures. ES VRH accounts for the Coulomb 
interaction, predicting conductivity with a characteristic tem-
perature dependence of T−1/2.[97] The Coulomb interaction can 
be neglected above a critical T, leading to the more traditional 
Mott VRH model, which predicts a temperature dependence 
of the conductivity that goes as T−1/4. In contrast to those of 
the more crystalline films, the T-dependent conductivity of the 
doped CF-cast films fits best to an ≈T−1/3 dependence over the 
entire temperature range, indicating that the increased disorder 
in the CF-cast samples results in a different (hopping) conduc-
tion mechanism. For all of our samples, as we approach room 
temperature there is a drastic decrease in the T-dependence of 
the conductivity (marked by the arrows in Figure 5), indicating 
a regime that deviates from hopping-dominated transport and 
is approaching a more diffusive transport mechanism. These 
observations for our SqP-doped samples are consistent with 
previous results for electrochemically doped P3HT films with 
high carrier densities.[93]

Since all three of our doped samples with different crystal-
linities are roughly in this same transport regime at room tem-
perature, it means that whatever the balance of band-like and 
hopping-based transport, all of our samples have approximately 
the same degree of screening of the applied magnetic field. 
This means that even if the absolute values of the mobilities we 
extract from the AC Hall measurements are underestimated, 
the degree of underestimation is likely similar for all three of 
our samples, allowing us to make meaningful relative mobility 
comparisons between the samples. Since the transition from 
hopping to diffusive transport starts at slightly lower temper-
atures with increasing polymer crystallinity, it is possible that 
further improvements in the crystallinity might actually bring 
about a complete transition to band-like transport at similar 
carrier concentrations at room temperature.

3. Conclusions

We have shown that modifying the crystallinity of a conju-
gated polymer film prior to doping can lead to improved elec-
trical properties after molecular doping, and we demonstrated 
this for the P3HT:F4TCNQ system by preserving the crystal-
line properties of pristine films by introducing the dopant via 
SqP. By changing the solvent used to cast P3HT films and by 
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synthetically improving the polymer regioregularity, we were 
able to prepare pristine P3HT films with three distinct degrees 
of crystallinity, as confirmed by GIWAXS, swelling measure-
ments, and UV–vis spectroscopy. In addition to overall crys-
tallinity, we also saw that the edge-on preferred crystalline 
domain orientation was enhanced in the more crystalline P3HT 
samples, and that both the degree of crystallinity and orienta-
tion could be maintained after doping with F4TCNQ via SqP. 
Our GIWAXS measurements showed that no matter what the 
overall degree of crystallinity is, doping led to an increase of the 
lamellar crystalline spacing, a decrease in the π-stack spacing, 
and a loss of registry in the along-the-chain direction. Together, 
these observations suggest that the F4TCNQ anions go first into 
the crystalline lamellar regions and then begin to incorporate 
into the polymer amorphous regions, but they do not π-stack in 
the polymer crystallites.

When we performed optical measurements of the doped 
P3HT films, we found redshifted absorption bands with 
higher cross sections that indicated greater delocalization of 
the polarons in the more crystalline films. Simulations of the 
polaron absorption spectra suggest that close contact between 
the anion and polaron (such as that would occur if the anions 
π-stacked in the polymer crystallites) would lead to localized 
polarons characterized by blueshifted and narrowed absorp-
tion bands with a lower cross section, which is not what we 
observed. Instead, the simulations are consistent with F4TCNQ 
anions residing, on average, between 6 and 8 Å from the 
polaron location, consistent with the GIWAXS assignment of 
the anions residing in the lamellar regions of the crystallites as 
well as the amorphous regions of the film.

The increased polaron delocalization upon increased P3HT 
crystallinity also leads to improved in-plane conductivity, 
reaching over 10 S cm−1, as verified by four-point probe meas-
urements. AC field Hall effect measurements strongly suggest 
that the improved conductivity results directly from improved 
carrier mobility; the mobility increased by a factor of 5 from the 
most amorphous to the most crystalline sample. The improve-
ment in mobility comes mostly in the form of increased charge 
carrier delocalization in the crystalline regions of the film, as 
well as decreased polaron localization caused by the prox-
imity of F4TCNQ anions. Temperature-dependent conductivity 
measurements confirmed that the carrier transport at low tem-
peratures takes place by variable-range hopping, with the begin-
ning of a transition to a more diffusive transport mechanism 
taking place around room temperature. This transition was 
most apparent for the 100% RR P3HT film, alluding to the pos-
sibility that further structural engineering or material design 
could potentially allow reaching pure band-like conduction in 
molecularly doped semiconducting polymers at room tempera-
ture. Overall, the ability to independently modify the structure 
of a polymer film and then preserve that structure upon doping 
by SqP offers significant advantages for fabricating high-quality 
semiconducting polymer thin films for organic electronic 
devices.
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